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Abstract 
Traditionally 4xxx casting alloys are used for the additive manufacturing of structurally optimised 
lightweight parts in space, aerospace and automotive. However, for such applications there is a need for 
hardenable high-strength Al-alloys exceeding the properties of the 4xxx alloys family. The study analyses 
the hardness response of different heat treatment temperatures and hold durations applied to a Sc- and Zr-
modified Al-Mg (5xxx-) alloy (Scalmalloy

) processed by Selective Laser Melting, and compares the 
mechanical properties and microstructure in the as-processed and annealed condition. The results show 
that the static mechanical properties are exceptionally good with Rm-values exceeding 500MPa along with 
almost no build-orientation related anisotropic effects, and a high ductility even in the heat treated 
condition, and these properties are clearly related to the very fine grained material. The stress-strain 
curves show the typical Portevin-Le-Chatelier (PLC) effect as known for other 5xxx alloys. Due to 
significant grain boundary pinning by different particles the very fine-grained bi-modal microstructure 
originating from the SLM-process can be maintained even in the heat treated condition, and only a HIP 
treatment leads to local grain growth only in coarser grained regions.  
Keywords: Powder methods, Selective Laser Melting, Aluminium alloys, Characterization, stress-strain 
measurements, hardness 
 
1 Introduction 
In many industrial sectors like space, aerospace and automotive, the performance of (metal) products 
depends on their weight. Weight reduction can be achieved by structural optimization, and the use of 
lightweight alloys like aluminium or titanium. Thereby, the weight reduction potential depends on the 
ability to produce parts with high structural complexity, as it is achieved e.g. by topology optimization, 
and the specific mechanical strength of the alloys used.  
Additive manufacturing (AM) is able to fulfill both requirements. The technological benefits of AM come 
into effect especially at the production of parts with a complexity exceeding the possibilities of 
conventional manufacturing technologies. On the other hand, lightweight alloys like titanium and 
aluminium are readily processed by metal additive manufacturing such as Selective Laser Melting (SLM) 
once the process window for the specific alloy has been found. 
State-of-the-art in SLM of aluminium are mainly 4xxx alloys, e.g. AlSi12[1-3], AlSi10Mg [4-7] or 
AlSi7Mg0.3 [8]. Their near-eutectic compostion facilitates SLM-processing due to the short solidification 
range, and the associated lowered risk of cracking. Good mechanical performances are reported for such 
alloys especially in the heat treated condition [3, 4, 9], although microstructure-related anisotropic effects 
with regard to the additive build orientation are evident, as reported by e.g. by Tang [10], and need to be 
considered. However, for structural applications in above mentioned sectors, hardenable 2xxx, 6xxx or 
7xxx alloys are preferred. The SLM-processing of such alloys on the other hand is more difficult due to 
their potential for hot cracking once the process window for the specific alloy has been found. Therefore 
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alloy modifications can be a possible route to overcome potential processing constraints, leading to 
‘alloys for AM (SLM)’. That such an approach can be successful has been proven by Montero Sistiaga 
[11], who added Si to an Al-7075 alloy to at least minimize its hot cracking potential during SLM.  
A newer SLM-processable and heat treatable Sc- and Zr-modified 5xxx alloy with significant advantages 
is the Scalmalloy

 alloy system. In [12] the microstructure and related formation mechanisms of 
Scalmalloy

 during SLM-processing have been presented in detail. This alloy offers high strength and 
ductility already in the as-processed condition, combined with comparably low anisotropic mechanical 
behaviour e.g. in RP0.2, as discussed by Schmidke [13] and Spierings [14]. By this the mechanical 
properties exceed reported values for traditional alloys like AlSi10Mg or AlSi12 [1-3, 5, 15]. Schmidke 
[13] discussed the static mechanical performance of heat treated samples in the 0°-, 45°- and 90° 
orientation, and found a very ductile fracture behaviour along the maximum shear stress orientation 
(fracture plane in 45° to the load direction). The tensile strength exceeded 520MPa for all directions, 
having only a low anisotropy, which is consistent with initial findings discussed in [14]. The low 
anisotropy is related to the comparably fine grained microstructure with a high amount of equiaxed 
grains, and ageing improves the mechanical performance in Sc- and Zr-containing alloys due to the 
precipitation of (additional) Al3(Scx Zr1-x) particles from solid solution, as has been discussed for instance 
by Røyset [16] for a cast Al-0.2wt%Sc alloy, or by Fuller et al. [17] for various Al-alloys with Sc weight-
contents between 0.1% and 0.3%, and Zr weight-contents between 0% and 0.16%, respectively.  
Literature reports about a wide range of ageing temperatures and times used for such alloys. Davydov et 
al. [18] analysed the microhardness evolution for temperatures between 300°C and 500°C for an AlSc0.4, 
and for an AlSc0.2 alloy at 400°C and 450°C, each with and without an addition of 0.15wt% Zr. He 
found a very rapid hardening response of <1h for temperatures  350°C, and much slower behaviour at 
300°C. Zr is reported to stabilize the microstructure, and to increase the strengthening remarkably. These 
findings are in good agreement with the ones from Fuller et al. [17], who used temperatures of 300°C, 
350°C and 375°C and ageing times up to 100h. Røyset [16] investigated the fraction of transformed 
Al3Sc at temperatures between 230°C and 470°C for hold durations up to 20h, and constructed a time-
temperature-transformation (TTT) diagram. He found a transformation time minimum at 310°C ( 4h 
for 95% transformation) for the coherent precipitation, and a time minimum at 410°C where 
discontinuous precipitation dominates. 
This paper discusses the development of a post-process heat treatment for a SLM-processed Sc- and Zr- 
modified 5xxx Al-alloy (Scalmalloy

), and presents the effects of a post-process heat treatment and HIP-
processing on the static mechanical properties. The results are complemented with a microstructural 
comparison to the as-processed condition. Presented data provide an engineering starting point to design 
additively manufacture structural parts from that alloy. 
2 Methods and Materials  
2.1 Sample production with SLM 
The Scalmalloy

 powder material with nominal composition of Al4.6Mg0.66Sc0.42Zr0.49Mn was used 
in a ConceptLaser M2 machine equipped with a 200W Gaussian Nd-YAG laser operated in cw mode. All 
samples were produced in a N2 atmosphere using the maximum laser power available, and a 30m slice 
thickness. Details on the processing window development are presented by Spierings [14]. 10x10x10mm
3
 
cube samples were produced for the analysis of material hardness and microstructure, whereas static 
tensile test specimens were produced as cylinders with a length of 80mm and a diameter of 7mm in 
horizontal (90°) and vertical (0°) build orientation to analyse mechanical properties using scan speeds of 
170mms
-1
 and 300mms
-1
. 
For the heat treatment development, samples were produced at scan speeds of 170 mms
-1
 or 250 mms
-1
. 
The energy density EV used to produce the samples is calculated according to equation 1, with P the laser 
power, vs the laser spot scan speed, d the hatch distance and t the slice thickness. 
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𝐸𝑉 =
𝑃
𝑣𝑠∙𝑑 ∙𝑡
       (1) 
The tensile test samples were produced and analysed in different configurations: The EV-levels were     
135 Jmm
-3
 and 238 Jmm
-3
 corresponding to a scan speed of 300 mms
-1
 and 170 mms
-1
, respectively, and 
surfaces were either in the as-built and peened condition, or the raw samples were machined to the final 
specimen geometry according to DIN-50’125-A5 with a surface roughness of N6 (Ra = 0.8 m) or better, 
except for the HIPed samples which were turned according to DIN-50’125-B5x25. Samples were tested 
in the as-built and in different heat treated conditions, including hot isostatic pressure (HIP). For each 
configuration (build orientation, processing window, heat treatment) at least five specimens were 
prepared. Details on the sample configuration are indicated in the corresponding results section. 
Additionally to the static testing of cylindrical tensile samples, flat dog-bone like specimens according to 
Figure 1 with a thickness of 2.0 ± 0.02 mm were manufactured in a horizontal and vertical build 
orientation and HIPed (see below). These samples were used for optical space-resolved 2-dimensional 
strain monitoring by Digital Image Correlation, and the real Poisson constant of the alloy. The final 
samples were coated / sprayed with black-and-white dots in order to get optically traceable reference 
points. 
 
Figure 1: a) Geometry of dog-bone like tensile test specimens. b) Image montage of the final prepared sample with 
left side coated surface, and right side as-peened surface. Dashed frame corresponds approximately to the 
measurement area with a length of 22.4 mm (Figure 7) 
2.2 Post-process heat treatment and HIP procedure 
In order to promote controlled precipitation of Al3(Sc1 Zr1-x) particles a post-process ageing procedure 
was optimized for temperature and hold duration in two steps, using a ThermConcept KM/3 heat 
treatment oven and N2 atmosphere. 
In order to determine relevant heat temperature ranges where precipitation occurs, heat treatments at 
temperatures between 250°C and 500°C (at steps of 50K) are applied for 4h on samples processed at       
vs = 170 mms
-1
. This temperature range follows approximately the range used by Røyset [16] in the 
analysis of the Sc-fraction transformed to Al3Sc particles, when he calculated the n-values for the 
Johnson-Mehl-Avrami-Kolmogorov (JMAK) relationship of transformation. This range also covers the 
aging times and temperatures used by Fuller [17] for different Al-Sc-Zr alloys. In addition the effects of 
hold duration was analysed on samples processed at vS = 250 mms
-1
. Hold durations of 0.5h, 1h, 2h, 5h, 
10h and 24h were used for temperatures of 275°C, 325°C and 375°C.  
A HIP-process was performed at operating conditions over 1’000bar, 325°C / 4h. This annealing 
temperature and time is based on the results from previous annealing tests. The data serve for comparison 
of pore-free material with SLM-processed, defect containing material. 
2.4 Hardness measurement 
The characterization of the effect of a post-process annealing procedure on material hardness was 
performed using a Gnehm Brickers 220 hardness tester; results are reported in Brinell hardness (HB) 
values. Alternatively a hardness tester LVD-302 was also used (measuring Vickers hardness and being 
a 
b 
22.4 mm 
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converted into HB for better comparison). Three to five measurements from each of the differently 
processed samples were taken and mean value and standard deviation are calculated.  
2.5 Mechanical characterization 
Static mechanical testing was performed on a Walter&Bai hydraulic tensile testing machine LFV-25, 
equipped with a clip-on axial extensometer type MFA 25 (L0 = 25mm) for strain measurement. Testing 
was performed in accordance with DIN EN ISO 6892-1. From the measured “engineering” stress-strain 
curves gained from quasi-static tensile testing, the true (index ‘T’) stress-strain curves and true ultimate 
strength (Rm,T) is calculated for the plastic region according to Hosford [19] by  
𝜎𝑇 = 𝜎 ∙ (1 + 𝜀);    𝑅𝑚,𝑇 = 𝑅𝑚 ∙ (1 + 𝜀);   𝜖𝑇 = 𝑙𝑛(1 + 𝜀)   (3) 
The dog-bone samples were tested in a Zwick/Roell Z100 AllroundLine testing machine. Space-resolved 
strain monitoring was performed with 2 optical cameras using the Dantec Digital Image Correlation 
system, and the ISTRA 4D software (V4.4.4 Q-400 3D). 
2.6 Microstructural analysis 
The samples’ microstructure were analysed by a FEI Helios dual beam FIB instrument equipped with an 
EDAX-EBSD / EDS Tenupol-3 twin jet electro-polisher and a 5vol-% perchloric acid in 95vol-% 
methanol electrolyte, cooled to -50°C with a voltage of 25V. The cutting plane orientation was in the yz-
plane, hence parallel to the z the build direction and in x- or y-scan direction (Figure 2). 
 
Figure 2: SLM sample build strategy and coordinate system  
TEM analysis was performed in a probe side aberration corrected JEOL 2100FCS microscope operated at 
200kV. Both bright field (BF) and high angle annular dark field (HAADF) images were captured in 
scanning transmission electron microscopy (STEM) mode. Scattered electrons were collected using a 
HAADF detector over a semi-angle ranging from 70 - 190mrad to produce z-sensitive dark field images.   
3 Results  
3.1 Material hardness  
The hardness evolution of samples processed at 170mms
-1
 and heat treated at temperatures between 
250°C and 500°C for 4h is shown in Figure 3. Up to 400°C hardness increases due to the formation of 
fine nm-scaled Al3(Sc, Zr) precipitates, as also observed by other research on the Sc-effect in 
conventional Al-alloys (e.g. Røyset [16], Fuller [17], Milman [20]).  
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Figure 3: Hardness evolution from annealing for 4h at temperatures between 250°C and 500°C. Error bars indicate 
standard deviation (n=5) 
At higher temperatures exceeding 400°C (at hold duration of 4h), hardness reduces significantly to values 
below the as-processed hardness of 101HB (processed at 170 mms
-1
). Based on these hardness results it 
becomes clear that any ageing should take place at temperatures clearly below 400°C to prevent Ostwald 
ripening by too large Al3(Sc,Zr) precipitates, which lose their coherency when it becomes more 
favourable to introduce a dislocation at the particle interface than increasing even more the matrix strain 
around that particle. Coherency loss is reported to take place at sizes of  21.5 nm [21]. 
Figure 4 shows the hardness evolution for annealing temperatures of 275°C, 325°C and 375°C for hold 
durations between 0.5h and 24h. It appears that 275°C is not sufficient to reach full hardness, as even 
after prolonged ageing times hardness still increases. At 375°C the hardness increase takes place much 
more rapidly and already after 0.5h full hardness is achieved, whereas at ageing times > 10h indications 
of overageing are observable.    
 
Figure 4: Hardness evolution at 275°C, 325°C and 375°C at different hold durations (log-scale). Error bars = one 
standard deviation (n=3) 
For an ageing temperature of 325°C full hardness is achieved after 5h, without signs of overageing at 
longer hold durations, which makes this temperature level to be considered as very reliable.  
3.2 As-processed static mechanical properties 
No statistically significant (=0.05) differences were found for vertically built samples (EV = 238Jmm
-3
) 
with turned or as-built and peened surface, having a pooled mean true strength of 427 ± 8 MPa, and    
RP0.2 = 287 ± 3 MPa. However, this is not true for E-Modulus, which is 68.7 ± 1.2 GPa for turned 
surfaces, and 58.5 ± 1.8 GPa for as-processed and peened surface. For this reason no difference is taken 
with regard to the surface condition in the following strengths analysis.  
The comparison of vertically and horizontally built samples at 170 mms
-1
 and 300 mms
-1
 is presented in 
Figure 5, showing a very small anisotropy in tensile strength. The true ultimate tensile strengths in 0° and 
90° direction show differences of 2.6% and 2.7%, respectively. For yield strength the variation is 
somewhat higher with 3.8% and 10.8%. 
 
 
Holding time (h) 
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Figure 5: Box-plot for as-built true stress Rm_T and RP0.2 at 170 mms
-1
 and 300mms
-1
 for horizontal and vertical 
build orientation. 
The differences in Rm,T and RP0.2 between the two vs-levels in the as-processed condition (Figure 5) are 
comparably small. However, it must be expected that scan speed-related differences on the 
microstructural level exist, which are responsible for the small but significant differences. These aspects 
are not discussed here. 
A number of near-surface pores were observed around at the periphery of fracture surfaces. Although on 
occasion, these pores were seen to have 'opened', they did not appear to have been instrumental in the 
fracture process and fracture commenced in a ductile manner.  
Table 2 shows the fracture surfaces of as-built horizontal and vertical tensile test samples. Most of the 
samples fractured under an angle of 45° to the load axis, hence in the direction of maximum shear 
stresses. Furthermore, the fracture surfaces show ductile fracture behaviour, with some typical dimples. 
Correspondingly the elongation to fracture is quite large, as shown in Table 1.  
Table 1: Elongation to fracture (A5.65) in the as-built condition for the two vs regimes 
scan speed vs 0° / vertical 90° / horizontal 
170 mms
-1 
17.2% ± 1.6%; 20.2% ± 1.9%; 
300 mms
-1 
14.2% ± 1.5%; 17.8% ± 1.9%. 
A number of near-surface pores were observed around at the periphery of fracture surfaces. Although on 
occasion, these pores were seen to have 'opened', they did not appear to have been instrumental in the 
fracture process and fracture commenced in a ductile manner.  
Table 2: Fracture surfaces of as-built vertical and horizontal samples 
vertical build orientation horizontal build orientation 
  
Orientation 
(M
P
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3.3 Heat treated static mechanical properties 
Figure 6 shows true and yield strength for vertically built (0°) samples, heat treated between 300°C and 
400°C, and for annealing times of 4h, 6h and 8h. Note: Not all combinations of heat treatment 
temperatures and holding durations were analysed here, but these data complement the results from 
Figure 4 showing that annealing at 300°C/4h does not yet yield to the maximum strength, although 
differences to 350°C are comparably small. Ageing at higher temperatures and hold durations lead to 
over-ageing and consequently to lower mechanical strength. 
 
Figure 6: True stress (■ Rm_T) and yield strength (■ RP0.2) for vertically built specimens (170mms
-1
) at 300°C to 
400°C and hold durations between 4h and 8h.  
The results shown in Figure 6 point out that a heat treatment between 325°C / 4h and 350°C / 4h seems to 
be optimal, reaching Rm,T = 515 ± 16 MPa, RP0.2 = 450 ± 9 MPa and E = 72.3 ± 3.8 GPa for the vertical 
build orientation (N = 14). For the horizontal build orientation, the corresponding results are Rm,T = 530 ± 
12 MPa, RP0.2 = 453 ± 20 MPa and E = 71.8 ± 2.5 GPa (N = 13), respectively. Hence, the differences in 
Rm,T are statistically significant, although comparably small, whereas differences in E and RP0.2 were not 
significant (p = 0.05).  
The optical strain monitoring on the dog-bone samples is shown in the image sequence in Figure 7. It 
shows at the beginning very local strain- (stress-) concentrations (Figure 7a), most probably on small 
surface-near defects such as pores etc. As soon as the yield strength is exceeded, well defined strain fields 
(possibly Lüders Bands) develop (Figure 7b) and propagate for increasing strain (Figure 7c). The high 
yield followed by a drop in stress required for continued flow of the heat treated / HIPed samples shown 
in Figure 8 might be consistent with such Lüders Bands. Right before the fracture occurs at a local 
maximum strain of  24% the sample begins to significantly been narrowed (Figure 7d), whereas at the 
point of fracture the local strain reaches values exceeding 30% (Figure 7e). The evaluated E-modulus in 
the HIP-condition is 74.5GPa, which is in good agreement with the data acquired from stress-strain 
measurements using the strain gauge. From the data in the elastic region the Poisson constant was 
evaluated, which is as expected  = 0.33 for both build orientations. 
Temperature (°C) 
(M
P
a)
 
Duration (h) 
4h 6h 8h 
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max local strain 0.46% max local strain 3.6% max local strain 5% max local strain 24% max strain >30% 
     
Figure 7: Optical strain monitoring on a middle measurement section of dog-bone samples with a length of        
22.4 mm. Engineering strain in z-direction (dynamically adjusted strain colour) 
Figure 8 shows the measured true stress-strain curves (using the strain gauge) for horizontal and vertical 
build orientations, and for the as-processed, heat treated and HIPed conditions. Obviously there is almost 
no anisotropy in the stress-strain behaviour with regard to the build orientation between the three 
conditions.  
 
Figure 8: True stress strain curves for as-processed, heat treated and HIPed condition in horizontal and vertical 
build orientation (DIN 50’125-samples).  
However, as expected technical values such as e.g. Rm,T and A5 are slightly different with statistical 
significance (Figure 6, Table 3), whereas RP0.2 values show no statistically significant differences. In all 
conditions a similar level of strain hardening is obvious. In addition, the Portevin-Le-Chatelier (PLC-) 
effect takes place, which is typical for Al-Mg alloys as pointed out by Mogucheva et al. [22]. 
Figure 9 shows fracture surfaces of small cracks in the sample surface of horizontally and vertically built 
and heat treated samples. It is believed that the origin of such cracks are surface-near pores and 
connectivity-defects, which had been opened to some extent by the external load, but did not lead to the 
final fracture. In both build orientations the fracture surfaces show very small dimples, indicating the 
comparably fine grained, ductile material behaviour. These surface cracks have a length of 200m to 
400m, and lead to significant stress concentrations, as they are displaying very sharp edges. 
 
 
 
 
a b c d e 
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 vertical build orientation horizontal build orientation 
    
Figure 9: SEM images of fracture surfaces of horizontal and vertical heat treated samples 
The HIP-ed material properties are shown in Table 3. Obviously, there is a higher anisotropy especially in 
Rm,T compared to the heat treated or as-processed condition. Also the elongation to fracture shows a 
significant variation. 
Table 3: Overview on HIPed material properties for Scalmalloy

 
Value Unit vertical horizontal 
Rm,T MPa 523 ± 18.6 547 ± 4.6 
RP0.2 MPa 482 ± 4.1 493 ± 13.0 
E-Modulus GPa 76.2 ± 1.7 74.9 ± 1.2 
A5 % 7.7 ± 1.9 10.3 ± 1.4 
Differences are significant for Rm,T and E, but not for RP0.2 (p=0.05) 
The fracture surfaces of the HIPed horizontal and vertical samples are shown in Table 4. These surfaces 
also show some inclusions, but much less internal and surface-near porosity compared to the images 
shown in Table 4. The fracture orientation is less clearly oriented in a 45° angel to the load axis, as the 
material is less ductile compared to the as-built condition. However, within the fracture surfaces smaller 
fracture areas are still displaying an angle in the range of 45° to the load axis. 
Table 4: Fracture surfaces of HIPed vertical and horizontal samples 
vertical build orientation horizontal build orientation 
  
  
 
3.4 Microstructure and precipitates in heat treated condition 
The microstructure of heat treated (350°C / 4h) material shows basically a very similar bi-modal grain 
size distribution as in the as-built condition, as shown and discussed in Spierings [12, 14]. Figure 10 
shows a BSE-image of the microstructure, where also grain boundary (GB-) particles of higher z-contrast 
are visible. These particles are identified as oxide particles. The CG-material consists of grains with a size 
of up to 10m, next to very small partially sub-m grains. In this context the heat treatment did not 
change the grain size distribution significantly, as can also be seen from Figure 14. 
200m 6m 200m 30m 
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Figure 10: a) Back scattered electron microscopy image of a heat treated (350°C / 4h) sample processed at    
170mms
-1
 showing coarse (CG) and fine (FG) grained microstructure, together with high z-contrast particles (white 
dots). b) EBSD image of a weld-line as discussed in [12] 
Figure 11 shows mainly GB-precipitation in fine grained (Figure 11a) and columnar grained (Figure 11b) 
material. EDS (SEM and STEM) proved that these GB-particles are composed of different oxides, such as 
SiO2 with a size of 300 nm, identified by z-contrast, but also Fe-Mn rich particles, with traces of Mn, Sc 
and Zr (Figure 11c). 
   
Figure 11: Magnification of Figure 10a: a) FG and b) CG material with GB-oxide particles, and c) HAADF-STEM 
image showing GB-oxides at higher magnification. 
The EDS-analysis in Figure 12 shows the partially complex compositions of the GB-particles. Figure 12a 
shows an Al-Si-Fe-oxide particle, whereas Figure 12b shows an Al-Mg-oxide with traces of other 
elements such as Mn, Sc and Zr. The Al-matrix composition was analysed in another scan as 0.6wt% Sc 
and 4.1wt% Mg, which is close to the nominal composition [12]. Hence, this microstructure is almost 
identical to the as-built condition. 
 
Figure 12: EDS scan in the FG-material of a sample built with 170mms
-1
. a) shows a complex composition of an 
oxide with Fe, Mg, Si, and b) is an Al-Mg-oxide with some content of Sc.  
3.5 Microstructure and precipitates in HIPed condition 
Figure 13 shows the microstructure and corresponding EBSD scan for a HIPed sample produced at            
vs = 300mms
-1
. Obviously, this microstructure looks very similar to the as-built microstructure shown in 
Spierings [12, 14], with regions of very fine and coarser, partially elongated grains. The [001] pole 
figures for these two fine grained (FG) and coarser grained (CG) material is very comparable to the as-
built condition, with no preferential grain orientation in the FG-region and a preferential grain orientation 
in the z-direction, hence parallel to the build direction.   
a b 
a) 
b) 
0.5m 
a) Al 
O 
Si 
Fe 
Mg 
b) 
Al 
O 
Mg 
Sc 
FG 
CG 
a b c 
2m 2m 1m 
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Figure 13: a) Microstructure and b) EBSD of a HIPed sample produced at 300mms
-1
 using the alternate scan 
strategy shown in Figure 2, showing coarse and fine grained regions. (c) [001] Pole figures for CG (c) and FG 
region (d). 
The grain size distributions in the FG- and CG-region from Figure 13 is shown in Figure 14, together with 
the distribution in the as-built condition [14]. Obviously the FG-regions are not affected by the heat 
treatment, with grain sizes < 1.5m.  
 
Figure 14: CG- and FG-grain size distribution in as-built and HIPed condition. Grain size in Log-scale. 
However, grains in the CG-regions tend to grow on the cost of neighbouring smaller grains, leading to 
more elongated, larger grains, whereas in the FG-region a significant effect of grain growth cannot be 
observed. Only in some CG-regions a significant grain growth can be observed, where the grains can 
reach sizes of up to 20m to 30m (dashed line circles in Figure 15a, b), and becoming less columnar as 
a result of their tendency to reduce surface energy, and the reduction the dislocation density, which were 
introduced during cool-down of the melt-pool. Next to effects of grain growth, larger Al-oxides, most 
probably Al2O3 inclusions, are formed during HIPing, as visible in Figure 15c.  
   
Figure 15: a) Sample manufactured at vs = 350 mms
-1
 and b, c) at vs = 550 mms
-1
, showing grain growth (straight 
line) and larger Al-oxide inclusions (dashed line). c) Magnification of an Al-oxide particle, with some internal 
structure    
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4 Discussion  
The ageing development results presented in Figure 3 clearly show that the maximum hardness is 
achieved at a temperature of 400°C, decreasing rapidly for higher temperatures. This effect can be 
explained by the potential loss of coherency of nm-scaled Al3(Scx, Zr1-x) particles, due to particle growth 
(Ostwald ripening). Marquis et al. [23] showed in their analysis that at temperatures between 300°C and 
400°C the precipitate radii at the higher temperatures are much bigger already at the beginning of a heat 
treatment, and that they rapidly grow during prolonged ageing times. The limit of 400°C for a maximal 
hardness is also in line with the TTT-diagram developed by Røyset [16], who concluded that at 
temperatures >370°C discontinuous precipitation starts to take place already at very short holding times 
of a couple of minutes. The slightly higher temperature limit of 400°C compared to the reported 370°C 
might be explained by the much higher Sc- and Zr- content in this study compared to the alloy used by 
Røyset and the slower growth rate of Al3(Scx, Zr1-x) particles compared to the Zr-free particles [18], 
together with the associated smaller lattice-misfit of the Al3(Scx, Zr1-x) particles. 
In contrast, ageing at lower temperatures < 300°C takes a long time for precipitation. Figure 4 shows 
that at 275°C the hardness reaches the level of a treatment at 325°C / 1h only after prolonged ageing for 
24h. Therefore, and based on these results the aging temperature should be in the range of 325°C to 
350°C. Maximum hardness can then be achieved at hold durations of 4h to 5h, with a tendency for even 
shorter times at 350°C. Figure 4 also shows that such an ageing treatment is very robust with regard to 
variations in heat treatment temperatures or holding times, and hence the heat treatment oven does not 
need to fulfil high requirements. 
The mechanical properties are very good, and exceed even in the as-built condition (no heat treatment) 
reported values for other Sc- and Zr- containing alloys. Filatov et al. [24] reported Rm = 360MPa / RP0.2 = 
280MPa / 20% elongation for a wrought Al-4.2Mg-0.3Sc-0.1Zr alloy, and Fuller [25] measured Rm  
340MPa / RP0.2 = 230MPa / 11% elongation for a Sc-modified cast 5754 alloy (Al-3.42Mg-0.23Sc-
0.22Zr), heat treated at 288°C / 72h. These exceptional mechanical properties of the SLM-processed 
Scalmalloy

 can be associated with the fine-grained microstructure and the (in comparison to the above-
mentioned alloys) higher Sc- and Zr- content, which will lead to a higher precipitate volume fraction and 
therefore more pronounced precipitation hardening. Indeed, heat treated Scalmalloy

 reaches tensile 
strength values >500MPa together with a ductile fracture behaviour. These results on heat treated 
properties (Figure 6) are basically well in line with values reported by Schmidke [13], especially for Rm,T. 
However, the results indicated a slightly lower yield strength RP0.2. One possible explanation might be 
differences in the SLM-machine setup, e.g. filter and smoke evacuation system, which can lead to 
differences in the remaining porosity level, which in turn directly influences RP0.2. This explanation is 
supported by the results on the HIPed material properties, which are in very good agreement with the 
findings presented by Palm [26], who used the identical HIP procedure. Another outstanding property of 
Scalmalloy

 is the very low anisotropic mechanical behaviour, which remains <5% for all of the relevant 
ultimate properties in the as-built, heat treated and HIPed condition. Moreover, there are hardly any 
differences in the stress-strain behaviour between the two build orientations, and for all material 
conditions. For other alloys processed by SLM the anisotropy in mechanical property values can reach up 
to 10% and stress-strain behaviour often differs between the build orientations. This positive effect is 
due to the significantly finer grained microstructure (Figure 14, [14]) compared to other 4xxx alloys, and 
further supported by the low Hall-Petch constant of aluminium. 
The serrations observed in the plastic region of the stress-strain curves are related to the Portevin-Le-
Chatelier (PLC) effect, and are typical for Al-Mg alloys, and have been described frequently i.e. by 
Robinson and Shaw [27] for an Al-4.5wt% Mg alloy, or by Mogucheva [22] for a similar but Sc-modified 
alloy (Al-4.6Mg-0.35Mn-0.2Sc-0.09Zr). These serrations are typically related to interactions between 
solute atoms and dislocations. Although the details of these interactions are still under discussion, it 
seems clear that solute (Mg-) atoms diffuse along the dislocations due to locally stretched atomic lattices, 
100m 
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forming so-called Cottrell clouds. Hence, the dislocations are hindered in their motion and to tear them 
off a slightly higher stress is required. Once they are released a rapid stress-drop takes place until the 
dislocations are blocked again, thereby forming the observed serrations (Figure 8). Details about these 
mechanisms are discussed e.g. by Aboulfadl [28], Robinson [27] and Halim [29]. The PLC effect is 
classified into three signatures, as discussed by Mogucheva et al. [22]. According to Figure 8 the 
serrations in the as-processed condition can be identified as type B serrations, which are characterized by 
stress variations about the general stress-level of the stress-strain curve. In contrast, serrations in the heat 
treated /HIPed condition are better identified as type A serrations, which are distinguished as rises in the 
flow stress followed by a drop to or even below the general stress level. Although it is commonly agreed 
that in Al-Mg alloys especially the Mg-atoms are responsible for dislocation blocking, fine coherent 
precipitates (Al3(Scx,Zr1-x)) as they are formed during SLM-processing or by the subsequent heat 
treatment, also affect the PLC behaviour. Such precipitates and potentially also other particles (Figure 11, 
Figure 12) are potential obstacles for dislocation movement, and also contribute to the PLC effect, as has 
been discussed by Zhemchuzhnikova et al. [30] for a similar Al-Mg alloy containing Sc and Zr. This is 
therefore expected to explain the different PLC-types observed in Figure 8, where in the heat treated 
condition a higher volume fraction of fine nm-scaled precipitates can be expected. These additional 
particles together with the Mg-atoms lead to the more hopping type A serrations. 
Hence, this PLC-effect also explains the sequence of plastic deformation in a tensile sample, starting 
locally by the formation of the Lüders Bands, and then spreads continuously over the sample axis. This 
can be seen in sequence in Figure 7 starting with image b.  
The microstructure in the as-built condition is discussed in detail in Spierings et al. [12], showing 
basically the same bi-modal microstructure as in the heat treated and HIPed condition (Figure 10, Figure 
13, Figure 14). No significant changes are found with regard to the fraction of FG- to CG- material, and 
as in the as-built condition the FG-material does not show any preferential grain orientation (Figure 13c). 
Similar to the as-built condition, a high number of grain boundary particles of various compositions 
(partially Sc-enriched Al-Mg-oxides, Fe-Mg-Si oxides) are observed. Such GB-pinning particles are 
expected to be responsible for the high resistance of the alloy against grain growth, and the good ambient 
temperature strength properties, as also reported by Fuller [17]. However, HIPing partially tends to lead 
to grain growth due to the higher energy available from the applied pressure ( 1000bar). This grain 
growth takes place mostly in the CG-regions and preferably in areas where the density of GB-particles is 
reduced. Such a reduction is related to the specific processing conditions given in SLM, as discussed in 
Spierings [12]. Hence, areas of larger grains with a more elongated shape (Figure 15a, b) are responsible 
for the slightly higher anisotropy of the HIPed material (Rm,T  7.5% / RP0.2  3.7%). Correspondingly, 
also the elongation to fracture is reduced due to a less ductile material behaviour (Table 3). Another effect 
of HIPing is the formation of larger oxide particles (Figure 15c) with a size up to 10 m. These larger 
Al-oxides will – due to their different mechanical properties – lead to stress concentrations unter loading, 
and hence will counterct the positive effect of the pore-free material. 
5 Conclusions 
Additively processed Sc- and Zr- modified 5xxx alloys such as Scalmalloy

 enable the further 
improvement of mechanical properties by an appropriate heat treatment, favouring the precipitation of 
fine dispersed Al3(Scx, Zr1-x) precipitates.  
The following main results are found 
- In the as-processed condition a slight dependency of the mechanical properties from the SLM-
processing conditions (energy input EV or scan speed vs, respectively) is found.  
- A post-process heat treatment should be between 325°C and not exceed 350°C, with an aging duration 
between 4h to max. 10h to achieve maximal material strength with Rm > 520MPa and                       
RP0.2 > 480 MPa. 
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- Very good mechanical properties are reached in the heat treated condition: Rm,T > 500MPa, RP0.2 > 
450MPa and elongation to fracture > 8.6 ± 1.9%. The associated anisotropy in ultimate values (Rm, 
A5) remains < 5%, whereas almost no anisotropy was found in RP0.2, which is of significant technical 
interest. Correspondingly no significant anisotropy was found in the stress-strain behaviour between 
horizontal and vertical build orientation at a given condition.  
- The stress-strain curves show the typical Portevin-Le-Chatelier effect of 5xxx alloys. However, 
depending on the heat treatment condition different serration types are observed most probably due to 
different levels of precipitates. 
- The evolving bi-modal microstructure is very fine-grained with grain sizes between  200nm to            
< 15µm, being even in the coarser regions significantly finer than it is observed in traditionally 
processed (e.g. cast) aluminium alloys. 
- The microstructure in the heat treated condition is not affected, and remains similar to the as-built 
condition due to the existence of many GB-particles of various compositions preventing grain growth. 
For this reason Scalmalloy

 can sustain high temperatures of up to 300°C without losing its 
properties at room temperature. 
- HIPing at 325°C / 4h / 1000bar is suitable to fully eliminate internal pores, and improves the static 
mechanical properties slightly above the heat treated ones. Especially RP0.2 is improved to values 
above 480MPa. However, due to the higher energy available during the HIP procedure, grain growth 
in coarse grained areas can take place, leading to a slightly higher anisotropic mechanical behaviour.  
These properties make Scalmalloy

 an interesting alloy system for various industrial applications, 
enabling extreme lightweight applications. Further research is required to better understand a potential 
dependency of the as-built material properties form the SLM-processing conditions. 
However, due to the characteristic microstructure formation mechanisms and related good mechanical 
properties with low anisotropy, this alloying system proves that alloy design for additive manufacturing, 
taking into account the specific processing conditions given in SLM, enables to significantly improve the 
resulting material quality. Therefore, alloy design for AM has to be considered as an important aspect in a 
comprehensive quality management system for AM. 
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